It is shown that strength loss in a 6060 Al-Mg-Si alloy caused by reduction in solute can be compensated by adding back smaller quantities of Ag, Ge, and Cu. Nine alloys were investigated. Ge was found to be the most effective addition, strongly refining the precipitation. The hardness is discussed in terms of statistics of the precipitates near a T6 condition, as acquired by transmission electron microscopy (TEM). Precipitates in some conditions were also investigated by high-angle annular dark-field scanning TEM. The added elements have strong influence on the main hardening precipitate, b¢¢, changing its structure and promoting disorder.
I. INTRODUCTION
THE main use of 6xxx aluminum alloys is in extruded or rolled products. A very important issue is the ease with which they can be extruded. The aluminum companies have conducted much research to ensure that energy expenditure is low during extrusion and that the process is rapid without interruptions. Generally, solute additions decrease ductility and increase strain hardening rate and flow stress. [1] It is of advantage for optimal extrusion rates to limit the total amount of solute as well as the content of certain elements. Commercial alloys like AA6060, serving as the reference in this study, are already well optimized with regard to amount of solute and extrusion properties. An increase in extrusion speed achieved simply by reducing the amount of solute inevitably leads to a loss in strength. Here, we investigate a way to circumvent this: First, the overall amount of solute is reduced. Second, to compensate for the accompanied strength loss, we add a small quantity with one or more of the elements Cu, Ge, and Ag, which are known to have an effect on precipitation. How these additions effect the precipitate microstructure will be discussed with respect to hardness as well as to types, numbers and sizes of precipitates, as quantified by transmission electron microscopy (TEM).
The precipitation sequence in ternary Al-Mg-Si alloy may be given as [2] : SSSS fi atomic clusters fi GP-zones (pre-b¢¢) [3, 4] fi b¢¢ [5, 6] fi b¢, [7] U1, [8] U2, [9] b¢ [10] fi b, Si (stable),
where SSSS is the abbreviation for supersaturated solid solution. The precipitates are needles, laths, or rods extending along h100i Al directions where they are fully coherent. The microstructure associated with maximum (or peak) hardness normally consists of a combination of very high numbers of finely dispersed GP-zones and b¢¢ type precipitates. For long aging times, other precipitates replace b¢¢. These are of type b¢, U1, U2, and B¢. These precipitates can grow to large sizes, and have a much lower hardening potential than b¢¢.
The precipitation sequence changes with the introduction of strain [11, 12] or the addition of other elements, such as Cu. [13] [14] [15] [16] There are many studies with Cu, especially in the context of corrosion, [17] [18] [19] but effects on the microstructure from Ag and Ge additions appear not to have been investigated for lean alloys like AA6060. The choice of Cu, Ag, and Ge has been based on previous works, which show that they can improve material strength, at least in denser alloys. [13, 20, 21] Other reasons concern similarities and differences of atomic size and electronic properties, and that all three elements are known to combine in-and modify-the precipitate structures. Recent studies show they interact with the solute clusters responsible for nucleation. [22] [23] [24] We are not aware of similar studies in high extrusion speed 6060 Al alloys where Ag, Cu, and Ge are added to compensate for property loss when total solute is reduced. Below we discuss the particular elements in some detail.
A. Copper
Cu is normally present in small amounts in Al-Mg-Si alloys, or added on purpose by industry because it is known to improve strength. However, amounts even as low as 0.1 wt pct can cause problems with inter-granular corrosion. [17] [18] [19] The problem is related to the tendency of corrosion-prone precipitate phases to form, especially the Q-Al 4 Mg 8 Si 7 Cu 2 phase, [25] which nucleates on grain boundaries. [18] It has also recently been found that Cu forms film-like enrichments along the grain boundaries, promoting inter-granular corrosion. [19] For these reasons, in the current study, the maximum Cu level was set at 0.05 wt pct.
Cu can substitute both Al and Si in the precipitate structures and in the interfaces. [26, 27] For example, Q¢ and Q [25] are isostructural with B¢, where Cu has substituted some partly occupied Al-positions. [10] Unlike the binary Al-Si system (or Al-Ge), where only pure Si (Ge) precipitates form, Cu combines with Al in the AlCu system, for example, forming the hardening precipitates of type h¢-Al 2 Cu. [28] For this reason alone, Cu might be expected to have a strong effect on nucleation when added to other Al-based systems. In 6xxx alloys, Cu suppresses the formation of pure b¢¢ by promoting disorder in the precipitate structures as well as inducing other precipitate types. [13] [14] [15] [16] This is not necessarily a disadvantage as the new precipitates have hardening properties, and precipitate number densities and volume fractions do not decrease relative to total solute amount. [13, 21] B. Silver A reason for adding Ag is that small additions in several age-hardenable Al-based alloys containing Mg have been found to stimulate GP-zone formation and precipitation and generally to accelerate the kinetics of the age-hardening response and increase peak hardness. [29] [30] [31] For example, binary Al-Mg alloys with Mg below~10 wt pct are practically non-heat-treatable. By adding 0.5 wt pct Ag, a significant hardening response has been observed. [31] In pure form Ag, Al and Cu all form fcc structures. They have significant differences in bonding, which is quite obvious just by considering the composition of their normal oxides: Ag 2 O, Al 2 O 3 , and CuO. Since Al and Ag are similar in size, precipitation may be compared in binary Al-Cu and Al-Ag alloys. Although the first precipitates to form in both systems are plates, in Al-Cu they form on {100} Al planes, [32] while in Al-Ag they grow on {111} Al planes. [33] This shows that, even if Ag is more similar to Al than Cu regarding size and oxidation properties, Ag should not be considered a sole replacement for Al. In fact, electron microscopy has shown that in precipitates of the 6xxx system, Ag occupies Al-positions by enriching the matrix outside precipitates, as well as replacing Sipositions within the precipitate structures. [34] In Al-CuAg, Cu and Ag are not found to mix well. [35] Here, Ag only goes to precipitate interfaces or segregates in the matrix. According to Kim et al., the addition to dense Al-Mg-Si alloys of Ag, or Ag, and Cu (with a total of about 0.10 at. pct) clearly affects the age-hardening behavior and increases peak hardness when the material is aged at 443 K (170°C). [20] During over-aging, Ag causes b¢ Ag to form, which has structure and composition differing from the normal b¢ phase in Al-Mg-Si alloys. [34] If similar size and same (fcc) structure as Al are the only criteria, more Ag in solid solution in a 6000 alloy is unlikely to require extra energy during extrusion. Recently, it has been found that elongation improves with Ag additions, [36] a result which could indicate improved extrudability.
C. Germanium
Ge is chemically similar to Si, but is a larger and heavier atom. The replacement of Si with Ge in alloys richer in (Mg + Si) solute has been investigated in former studies. [37, 38] One of the effects is a general refinement of the precipitation, with a following increase in hardness. When observed in the precipitate structures, Ge has been found to occupy the same positions as Si. Just as Si, it forms a hexagonal network of columns along h100iAl, which is well integrated in the matrix, and which is common for the Ge-Mg-(Al)-containing precipitates. These two elements substitute each other in the network columns. Increasing the Ge amount seems to create more disordered precipitates on an otherwise ordered network. Full replacement of Si by Ge prevents the formation of the b¢¢ phase altogether. Instead, the material gains strength by precipitates isostructural to those of the ternary Al-Mg-Si system which are not normally associated with hardening; U1-like and b¢-like precipitates are found alongside a high fraction of disordered precipitates. [38] When together with Cu, precipitates of the disordered L-phase of the Al-Mg-Si-Cu system [21] have been observed to dominate at peak hardness in an Al-MgSi-Ge-Cu alloy. [39] As a direct cause of this phase, in a high-strength Al-Mg-Si-Cu alloy, when adding Ge in low concentrations (0.13 wt pct), both thermal stability and peak hardness improved. [21] This work also showed that if only 10 pct of the Si amount is replaced by Ge, precipitate number density increases quite significantly, and precipitates become finer. Ge is a useful substitution to investigate also because it gives a higher Z-contrast in high-angle annular dark-field scanning TEM (HAADF-STEM) experiments.
D. Vacancies and Dislocations
For an alloy pair, where one alloy contains less solute than the other, but where heat treatments are identical, more quenched-in vacancies per solute atom should be expected in the leanest alloy. Excess of quenched-in vacancies is known to form various clusters and voids, of which 'prismatic clusters' of vacancies were experimentally shown as early as 1958. [40] They were later found to be loops of dislocations called 'Frank loops'. [41] Recent calculations support the observations, for example, showing that only a few vacancies clustering on a (111)Al plane can form a prismatic dislocation loop. [42] A good introduction with further references can be found elsewhere. [43] Clusters of vacancies and dislocations clearly will influence nucleation. Dislocations normally lead to more inhomogeneous precipitation. Dislocation loops as well as the vacancies attract solute atoms and may be the sources for clustering. However, dislocations aid also in annihilating vacancies, while (some) solute atoms and vacancies may form bonds which should reduce the concentration available for forming the voids and dislocations in the first place. As has been suggested previously, e.g., by Kubota et al., [31] adding elements which bond vacancies should be expected to reduce the ability to form loops, thereby reducing dislocation density.
A recent work [44] shows that vacancy binding energy for the current alloying elements increases with the elements Mg, Cu, Si, Ag, and Ge. Mg has very weak binding energies. In some calculations, it was found to be even weakly negative. Binding energy generally increases with size. However, since atomic radius increases in rising order from the smallest Si atom to Ge, Cu, Al, Ag and finally the largest Mg atom, size cannot be the only factor.
[44] The higher solute-vacancy binding energy means vacancies surround Ge and Ag more than the other atoms. Ge is chemically similar to Si, but also larger. As mentioned, Si and Ge substitute each other in the columns of the precipitates which define the Si-network. Ag and Cu also can enter these columns to some extent. Since the network is an integral part of all precipitates, it is reasonable to think these elements are already in the clusters in the early stages of precipitation. The prevalence of the network means it must be initiated early, which means Si has an important role from the very start. Since Ge, Ag, and Cu could all be substituting Si atoms in the clusters, the difference in attraction to vacancies is likely to change the kinetics of the clustering. For example, this may be the reason a small substitution of Si by Ge in denser alloys refines the precipitate microstructure. [21] It has been speculated that the reason Mg and Si combine in clusters is to cancel the differences in the vacancy binding energy.
[44] This tendency should therefore be stronger when Ge replaces Si, which can explain its refining effect. [21] A further support is the observation that Ag and Mg form initial clusters in an Al-Cu-Mg-Ag alloy. [45] II. METHOD A set of nine high purity alloys was produced with the compositions shown in Table I , as measured by inductively coupled plasma optical emission spectroscopy. The Al base metal had a purity of 99.9 wt pct. The effective solute (S eff ) available for precipitation is defined by the sum Mg + Si* + Cu + Ge + Ag. The asterisk indicates that an amount of Si must be subtracted from the tabulated value as it is consumed by iron-rich phases. In Al6060, the difference is estimated to equal one quarter of the wt pct of Fe. [46] The effective Si content (Si*) for an alloy is, therefore, 0.05 wt pct (0.048 at. pct) less than what is given in Table I . The last column of the table gives the overall reduction in effective solute, as per cent of atomic and mass content compared to alloy RX0, which is the dense reference with composition near a commercial 6060 Al alloy. RX1 is a leaner reference, but the solute mass (Mg + Si) is reduced by 16.8 wt pct (16.7 at. pct).
The remaining alloys have equal or less solute than RX0, and may be considered as heavier variants of RX1 with additions that are combinations of Ge, Cu, and Ag. The amount of any of these elements is below 0.1 wt pct. The sum of (trace) elements other than those listed in Table I was found to be below 0.01 wt pct. Compared to RX0, the solute mass is reduced from 0 to 10.4 pct in the alloys with additions. In atomic percent, the reductions are larger (11.4 to 18.7), depending on the elements. In spite of the large solute mass reduction, RX1 still has a comparatively high effective atomic solute content: Only the alloys RXGC1 and RXAC1 contain more. The alloy set allows for comparison regarding changes to solute mass as well as to atomic content. For example, there is no mass loss of solute from RX0 to RXAC1 even if the solute atomic content has been reduced by 11.4 pct. The alloys were cast in cylindrical billets of 4 kg, homogenized at 848 K (575°C) for 3 hours, and then air cooled to room temperature (RT) within 1 to 2 hours before extrusion. Preheating to extrusion was done at 813 K (540°C) to ensure complete solid solution, and the extrudates were water quenched within 5 seconds after extrusion. The alloys were extruded as round profiles of 2-cm diameters. 1-cm-long samples were cut perpendicular to the extrusion direction. The heat treatment is shown in Figure 1 . The samples were solution heat-treated (SHT) for 5 minutes in an air circulating furnace after reaching a temperature of 808 K (535°C). Next, the samples were water quenched to RT and held at this temperature, i.e., naturally aged (NA) for 4 hours, where after they were artificially aged (AA) at 468 K (195°C). They were heated to the AA temperature from room temperature in a non-linear manner that mimics industrial practices, with an average heating rate of 26 K (°C)/ hour. After suitable heat-treatment times [0, 1, 2, 4, 8, 16, and 32 hours AA at 468 K (195°C)], the samples were removed from the oven and immediately water quenched to RT, where the first time ('0') denotes the start of the heat treatment when 468 K (195°C) is first reached.
To improve contrast of the indentations, prior to every set of Vickers hardness (HV) measurements, samples were polished with SiC paper up to a fineness of 2500 #/cm 2 . The hardness for each condition is given as an average of 10 indentations, the set consisting of five indentations from each side of the sample. The hardness curves are presented in Figure 2 .
As observed in Figure 2 , for the three strongest alloys, peak hardness arrives after 4 hours of AA. This condition was chosen for the TEM investigations of all the alloys. Thin foils for TEM specimens were prepared by polishing slices with surface normal parallel to the extrusion direction, down to about 100 lm. Disks of diameter 3 mm were stamped out from the foils. TEM specimens were prepared by using a twin-jet Tenu-Pol 5 electropolisher from Struers. The electrolyte consisted of 33 pct nitric acid and 67 pct methanol and was kept at temperatures ranging from 243 K to 248 K (À30°C to À25°C), controlled by adding liquid nitrogen to the solution. Bright-field TEM images were acquired in a Philips CM30 TEM operated at a voltage of 150 kV. Parallel electron energy loss spectroscopy (PEELS) was used to obtain the thickness corresponding to each imaged area. A more detailed description of the method describing how to calculate precipitate needle cross sections, lengths, number densities, and volume fractions can be found elsewhere. [47] Table II gives quantified parameters for the precipitates in the different alloys. Number densities and measurements of mean length are based on images similar to the ones shown in Figure 3 , while examples of images for needle cross-section measurements are shown in Figure 4 . Images for number densities are from regions away from grain boundaries and larger particles, meaning precipitates are always counted in the interior of a grain. The mean number density is based on counts of precipitates in ten images (data sets) but from one grain only. The thickness (in the center of an image) varied from 70 to 150 nm. Experience has shown that number densities in homogeneous regions in the interior of grains vary little from grain to grain in the same alloy. Several grains were inspected to make sure the images came from representative areas. At least 1000 needles were counted for each alloy for the calculation of number density, 500 needles for obtaining average needle length, and a minimum of 50 cross-section areas for estimating average cross section. As an exception, the precipitate density of RX1 is based on 20 images in two grains, because this alloy was the only one with an inhomogeneous precipitate distribution. In spite of this, the mean needle length and cross section were found to be similar in the different areas. The HAADF-STEM images were recorded with a spherical aberration (Cs), probecorrected JEOL ARM200F. The probe size was 0.08 nm, and the inner collection angle was 50 mrad.
III. RESULTS AND DISCUSSION
The evolution of hardness in the nine alloys during the aging at 468 K (195°C) up to 32 hours is shown [46] . **Effective solute S eff = Mg + Si* + Ge + Cu + Ag. Removed solute fraction as percentage of content in RX0. RX0 is the AA6060 reference alloy. RX1 is the leaner reference. 'A,' 'C,' or 'G' signify Ag, Cu, or Ge, respectively. In alloys with Ag, Cu, or Ge numbers, '1' or '2' signify high (0.74 to 0.77 at. pct) or low (0.67 to 0.69 at. pct) amount of total solute, respectively. graphically in Figure 2 . Quantified parameters of the hardening precipitates are given in Table II for the 4 hours AA condition that was investigated by TEM. This aging time coincides with peak hardness for the three strongest alloys (RX0, RXG2, and RXGC1). The hardness maximum for most other alloys arrives at least 1 hour later. It was decided to characterize all the samples for identical heat treatments rather than for The Vickers hardness (HV) for each condition is also given in the rightmost column. The volume fraction of precipitates has a 95 pct probability of being within the intervals shown. times corresponding to individual hardness peaks, since the different solute elements and amounts will give hardness curves of different shapes. Figure 2 shows that the hardness at the start of aging (0 hour AA) varies considerably among the alloys, ranging from 35 to 70 HV. The alloys generally keep their rank in hardness throughout the aging, with the curves approaching each other at longer times. The strongest alloys reach peak hardness sooner than the weaker ones and show signs of faster over-aging.
A. General Comparison
As the aging proceeds, the curves tend to settle into two main groups; a high hardness group of alloys containing Ge but not Ag with the dense reference RX0 on top, and a low hardness group consisting of RX1 together with alloys containing Ag but not Ge. It is quickly verified that Cu improves the alloys with Ag, and may possibly also have an effect on the Ge alloys. However, the Cu-free alloys RXA2 and RXG2 range in both ends of the scale.
There are clear differences in the aging curves of the two reference alloys: In Figure 2 , the densest alloy is the 6060 reference RX0. Its hardness is rivaled only by RXG2, while the leaner reference RX1 defines the bottom together with RXA2. Prior to discussing these two pairs in detail, we compare the reference alloys.
B. The Reference Alloys
The effective solute in RX0 is 0.80 at. pct, compared to 0.66 pct for RX1. After 4 hours AA, the respective precipitate volume fractions are measured to about 0.7 and 0.15. Comparing the curves of RX0 and RX1 in Figure 2 , we see that the hardness for RX1 at the start of the aging is about half that of RX0. Strikingly, the number density of RX0 is about 20 times that of RX1, yielding a volume fraction at least four times higher. It is obvious that a much higher number of clusters must have developed into precipitates in RX0 during the aging than in RX1. Figure 2 also shows that RX0 reaches maximum faster than RX1.
The two curves continue almost in parallel up to about 60 minutes of AA. The bright-field TEM images of the precipitates in Figures 3(a) and (b) and Figures 4(a) and (b) show that the same precipitate type is responsible for hardness in both alloys, namely b''. In RX0 (Figures 3(a) ), practically all needles lying in the viewing plane can be identified by pairs of dark lines. These 'double contrasts' are hall-marks of precipitates like b¢¢ (and pre-b¢¢ GP-zones). They originate from electrons scattered away from the direct beam on each side of a needle because of the surrounding cylindrical strain field. In RX1 (Figure 3(b) ), only some of the precipitates have the double contrasts. The absence of the strain field points to structures such as b¢, U2, or B¢. Figures 4(a) and (b) shows examples of precipitate cross sections in the two alloys using higher magnification. Here, we find rhomb-shaped precipitate cross sections with uniform contrast, confirming that alloy RX0 must be dominated by b¢¢ needles. In Figure 4 (b), there are coarser, irregular precipitate cross sections often containing a rhombic part similar to Figure 4 (a). These needles may be defined as disordered, with domains of several precipitate structures, but where one domain is ordered b¢¢.
In RX1, the maximum hardness arrives later. This is likely to be caused by a combination of less solute (slower precipitation kinetics) and influence from other precipitate types, which tend to form after b¢¢ during aging (post-b¢¢ phases) and have different maxima and less strengthening potentials.
Unlike the other alloys, RX1 was found to have a considerable amount of dislocations and an inhomogeneous precipitate distribution with coarse precipitates decorating dislocation lines and finer precipitates in areas between. The densities were not quantified. However, this is similar to what was found by Kubota et al., [31] when comparing two Al-5 wt pct Mg alloys, where one had 0.4 wt pct Ag: the alloy with most solute (and Ag) had less dislocations. A higher dislocation density will explain the dual precipitate size distribution in alloy RX1. Examples from the two areas of RX1 are given in Figures 5(a) and (b) , where Figure 5 (a) is an area with less dislocations. The precipitates forming on the dislocations were not studied explicitly. However, it is well known that dislocations promote b¢ as well as the B¢ phase. [11, 48] In these situations, the precipitates can have quite large cross sections, and much disorder. Since all the alloys were quenched from the same solution temperature, they should have the same amount of excess vacancies. Although RX0 has the lowest solute weight, measured in atomic percent, five of the alloys have the same or less solute. These alloys did not show signs of inhomogeneous precipitation. We propose that the coarser microstructure and apparent higher dislocation density in RX1 are results of the higher effective concentration of vacancies due to the lower overall amount of solute and the absence of Ag and Ge, elements which bind more strongly with vacancies than Mg and Si.
C. Effect of Silver, the Two Alloys RX1 and RXA2 with Lowest Hardness Table II shows that RX1 has the coarsest precipitates of all the alloys. No other alloy has a lower number density or longer needles, while average size of the cross sections is the second largest. This results in a very low volume fraction of precipitates. The last column of Table I shows that, owing to the high atomic number of silver, the solute reduction in mass is much larger for RX1 than for RXA2, while the reduction in atomic content is largest for RXA2. In fact, RXA2 has the lowest amount of solute of all the alloys, and might therefore have been expected to obtain the lowest hardness of the two, especially since the content of Mg + Si is also less. Still, the number density in RXA2 is twice that of RX1 and the precipitates are slightly shorter. Since the mean precipitate cross section in RXA2 is the largest of all alloys, it results in similar volume fractions for the two alloys. This indicates a benefit of adding Ag, especially since RXA2 is so low in solute. The higher number density in alloy RXA2 could therefore be a result of Ag contributing in formation and stabilization of clusters (co-clustering with Mg [45] ) because of a higher binding energy to vacancies than Mg and Si. As previously suggested, [31] Ag-vacancy complexes are likely to be attractive for other solute elements, thereby aiding nucleation. As can be seen in the HAADF-STEM images in Figures 6(a) and (b) , silver enters the particles, but substitutes also in the Al fcc matrix just outside the particles. This image confirms that the major parts of the particles contain domains of b¢¢, co-existing with domains of b¢ Ag in the same needle. [34] Like the b¢-phase in ternary, Al-Mg-Si b¢ Ag has roundish cross sections. This signifies limited lateral coherency and quicker coarsening, which probably explains the large average cross sections observed in RXA2.
D. Effect of Germanium, the Two Alloys RX0 and RXG2 with Highest Hardness From Table I , it can be seen that the solute content in RXG2 has been reduced with 17 at. pct relative to RX0, when including the 0.04 at. pct Ge added back. Still, this pair's hardness curves in Figure 2 show a near overlap throughout the aging. According to Table II , RX0 has about twice the volume fraction of precipitates compared to RXG2 after 4 hours of aging. The similar hardness arises since RXG2 has about four times the number density, and precipitates have much smaller lengths and cross sections. Figures 3(a) and (d) illustrate the microstructures of RX0 and RXG2, respectively. The precipitate fineness in RXG2 is remarkable. The needles in the viewing plane appear as double line contrasts. However, the small cross sections mean the lines of the pairs are often hard to separate visually. The HAADF-STEM image in Figure 6 (c) shows the cross section of a needle in the RXG2 alloy. It is evident that this particle has strong similarities to b¢¢, evidenced by the molecular b¢¢-unit (indicated by a circle). In b¢¢, these units are stacked periodically along Al h310i and h320i directions. In the current case, the particle contains stacking faults. The occasional brighter contrasts on the right-hand side of the particle are evidence for (partial or full) Ge occupation in Si columns. The left side of the particle is more Ge-rich. Here, we see signs of a hexagonal ordering of Ge columns. This means that most of this particle is Ge-containing b¢¢, more or less correctly stacked, seamlessly integrated with fragments of other more Ge-rich precipitate structures. The structural details are complex and besides the aim of this paper.
Less solute normally correlates with a lower number of coarser needles. The current case is different. The introduction of Ge clearly is causing the much higher precipitate number density after 4 hours of aging. About four times more clusters nucleate the hardening phase in RXG2 than in RX0. It is unclear whether Ge initiates more clusters, stabilizes a higher proportion, or performs both tasks. Since Ag had a much weaker effect, we propose the reason is chemical similarity with Si combined with larger size. Chemical similarity means Ge tends to form or participate in the same atomic arrangements as Si, also on the cluster level. Mg atoms have a low vacancy binding energy compared to Ge. Due to the much higher density of precipitates caused by Ge addition or substitution, this strongly suggests that Mg has a stronger adherence to Ge-containing clusters than to those only containing Si. We therefore suggest that the reason for the high nucleation efficiency of Ge is the chemical resemblance to Si, enabling it to form the same stable structures based on the hexagonal Si/Ge network, as well as a higher vacancy binding energy.
The effective volumes of Mg and Si in the Al matrix were recently calculated by Leyson et al., [49] While Si is smaller than Al, Mg is larger. Both situations are energetically unwanted. However, if Mg and Si pair up they partly would cancel the volume dissimilarity with the Al matrix. This translates into saying the probability of these two elements staying together increases. In turn this should lower the probability of either element interacting with vacancies, which means diffusivity also becomes reduced. With the same logic, since Ge has a larger volume compared to Si, Ge and Mg would have a lower probability of pairing up as compared to Si and Mg. In addition, Ge pulls strongly on vacancies.
[44]
Exchanging some Si with Ge could therefore have a double benefit: The activity increases because of a higher affinity for vacancies, and less of the cluster-forming diamond elements is bound up in pairs. The presumed Mg-Si pairing could be seen as a slowing down of the kinetics, as they are less able to attract other atoms and develop into clusters. The higher affinity the less bound Ge atom has for vacancies together with a chemical similarity with Si seems to be the reasons behind its refining influence of the microstructure. This would also explain why Ge is localized mostly in the center of the precipitates and not toward the surfaces.
E. Effect of Cu in the Ag-Containing Alloys RXAC1 and RXAC2
The Cu-free alloy RXA2 (Figure 3(i) ) was discussed above in relation to the leanest reference RX1 (Figure 3(b) ). These two alloys had the lowest amount of solute of all alloys. Alloys RXAC1 and RXAC2 are modifications of RXA2 with 0.05 wt pct Cu. Micrographs are shown in Figures 3(g) and (h), respectively. From these images, it is not evident that needle coarseness increases toward right (as g-h-i). This is consistent with the fact that RXAC2 is very low in solute, barely higher than RXA2. On the other side, only the rich reference (RX0) has more solute than RXAC1. Since RXAC2 is so low in solute, it is no surprise its hardness curve (Figure 2 ) is consistently below that of RXAC1. However, given the total amount of solute, it is interesting that the curves are so close. Because of the identical level of Cu in the two alloys, the reason for the small difference cannot be explained by the absolute content of this element. Still, since both curves are above RXA2, this shows Cu has some beneficial effect. RXAC2 is most similar to RXA2, but precipitates in RXAC2 have a noticeable smaller cross Fig. 6 -HAADF images of typical precipitates in three of the investigated alloys showing that formation of b¢¢ phase is strongly affected by the additions of Ge, Ag, and Cu. Circles indicate basic units of b¢¢. Open/filled arrows point to single columns/areas. Half unit-cells of b¢¢ are indicated: (a) Silver-containing alloy RXA2 with large Ag-free b¢¢ particle with a central stacking fault along the a-axis. Ag is found at the interface as single columns, ordered in a b¢ Ag phase, or in a low concentration in Al just outside the particle, (b) Mixed b¢¢/disordered particle in alloy RXGAC2 with additions of Ge, Ag, and Cu. The added elements observed in the disordered part cannot be distinguished by the Z-contrast alone. (c) Alloy RXG2 with Ge addition. Ge integrates in the b¢¢ structure, substituting in some of the Si-positions in the b¢¢ phase unit, leading to disorder/restacking of the units (dotted rhomb). The left part shows a region where Ge arranges hexagonally.
section. These two alloys have the same amount of Mg and Si as well as similar total solute. From RXA2 to RXAC2, the replacement of some Ag with Cu clearly has resulted in a reduction in precipitate cross section.
The improvements in RXAC1 are more obvious. Relative to RXAC2, the number density increases by a factor of 5, while precipitates are strongly refined. This result may be understood by the higher amount of effective solute in RXAC1 (0.71 at. pct) as compared to RXAC2 (0.66 at. pct), referring to increases both in Mg + Si and in Ag. As discussed above, both these increases indicate more solute-vacancy bonding, and correlate with finer and more precipitates.
The identical levels of Mg and Si in reference RX1 and in RXAC1 mean these alloys are directly comparable. From Table II , it can be observed that RXAC1 has a tenfold increase in number density together with a 50 pct reduction in needle length and a 25 pct reduction in crosssection area as compared to RX1. This is clearly the effect of the combined additions of Ag and Cu in RXAC1.
F. Effect of Cu in the Ge-Containing Alloys RXGC1 and RXGC2
From Figure 2 , it is seen that alloys RXGC1 and RXGC2, with reductions in atomic content of 11.6 and 16.9 pct relative to the reference RX0, have hardness curves below RXG2 (with 17.1 pct solute reduction). Since the Cu content is the same for both Cu-added alloys, and they have equal or more Mg + Si as compared with RXG2, the drop in hardness must be a direct consequence of the reduction in Ge (0.04 at. pct in RXG2 to 0.02 at. pct in RXGC1 and RXGC2). That RXGC2 has lowest hardness of the two Cu-added alloys, which must be related to its lower content of Mg + Si. The main difference between the strongest alloy (RXG2) and the weakest alloy (RX1) is the 0.4 at. pct Ge content in RXG2. The most pronounced result of the Ge addition is a near 80-fold increase in number density, from 170 to 13,200 per lm 3 . When half of the Ge is substituted by Cu, RXGC2 still has the second highest number density of all the alloys (11,200 lm À3 ). The cross sections and lengths decrease as the series RXGC1, RXGC2, and RXG2, while number densities increase.
It is evident that Cu does not refine cross sections much, at least compared to Ge: substituting half the Ge by Cu (from RXG2 to RXGC2) resulted in lower density of coarser needles and a significant loss of hardness. The higher precipitate number density in RXGC2 as compared to RXGC1 is probably a consequence of the increased Ge level, while the higher precipitate volume fraction in RXGC1 might be caused by its higher amount of Mg + Si.
After 4 hours aging, the hardness of these three alloys is similar. It is possible a different aging treatment could change the ranking.
G. Cu, Ge, and Ag Together: Alloy RXGAC2 Alloy RXGAC2 has similar Mg + Si and overall solute amount as all the alloys having designations ending with '2', and contains additions of all Ag, Cu, and Ge.
However, for each of the three elements, the addition is lower than in any of the other alloys. In spite of this, RXGAC2 has higher hardness than alloys RXA2 and RXAC2. This underlines the beneficial effects of adding small amounts of Ge (0.011 at. pct), explaining why RXGAC2 compares in hardness with RXAC1 in spite of its lower Mg + Si and total solute content. Table II shows that the microstructure in RXAC2 after 4 hours AA is finer compared to that in RXA2 and RXAC2, although it is similar to the microstructure of RXAC1. An HAADF-STEM image of a precipitate from RXGAC2 in Figure 6(b) shows that it contains a b¢¢ part and a disordered part fused in the same needle, with the high Z-contrast added elements localized in the disordered part. This is similar to the observations in Figures 6(a) and (c) from alloys RXA2 and RXG2.
Regarding the Cu and Ag additions, it should be noted that their concentrations in the present alloys are half or less as compared to the alloys in References 20, 50 and which might explain the generally weak influence on hardness and microstructure. Such additions seem to work better in denser alloys. This can be observed by comparing the microstructure data of alloys RXAC1 and RXAC2 in Table II , showing that the denser alloy RXAC1 has a higher precipitate number density than RXAC2. In contrast, alloy RXGC2 has a similar solute level as RXAC2, practically the same amount of Cu, but with Ge instead of Ag. Here, we can clearly see a high increase in precipitate number density correlating with increased hardness.
IV. CONCLUSIONS
Improving extrusion speed in 6000 Al alloys while maintaining initial strength has been the objective of this work. In order to do this, the total amount of solute in the alloys was reduced. The (Mg + Si) amount was lowered, and combinations of Ag, Ge, and Cu were back-added in smaller quantities. In total, nine alloys were investigated. One alloy was kept as a ''dense reference.'' A lean reference had 16.7 pct of the solute atoms removed as compared to the dense reference. The remaining seven alloys had low additions of one or more element of Ge, Ag, and Cu, in total less than 0.05 at. pct added amount.
The microstructure evolution of the nine alloys was investigated by hardness measurements, TEM, and highangle annular dark-field scanning TEM (HAADF-STEM). The precipitate microstructures were quantified by TEM after identical heat-treatments [4 hours of artificial aging at 468 K (195°C)], which corresponded to peak hardness for the three strongest alloys.
The microstructure of the leanest reference was inhomogeneous, with grains consisting of regions with homogeneously distributed precipitates together with regions with coarse precipitates mainly found on dislocations. All the other alloys had microstructures dominated by a more homogeneous nucleation of hardening precipitates.
Alloys containing Ge, but no Ag, were found to have high hardness. The alloy containing only Ge and no Ag or Cu was the only alloy competing with the dense reference alloy in hardness. The high hardness corresponds well with the microstructure consisting of a fine dispersion of small and short needles. Most precipitates found in the Ge-containing alloys were disordered, partly consisting of a hexagonal ordering of Ge columns. Ge was found to integrate in the structure of b¢¢, substitute Si-positions, and cause regions with disorder in the stacking of the b¢¢ unit. It is proposed in this work that since Ge chemically resembles Si, it too causes the hexagonal Si/Ge network to form. In addition, Ge is believed to have a higher vacancy binding energy than the other elements discussed. All over, the b¢¢ phase is strongly affected by the additions of Ge, Ag, and Cu.
The Ag-added alloy had the least total solute, hence, when comparing solute amounts to precipitate statistics and hardness, silver shows some benefit to precipitation and strengthening of the material. Large Ag-free b¢¢ particles were found in this alloy, together with particles containing Ag at the interfaces as single columns. The b¢ Ag phase was also frequently observed.
Replacing Ag with some Cu in the Ag-containing alloys resulted in a significant refinement of precipitates. Cross sections were reduced in size, and the number density increased by at least a factor of 5. The additions seem to relate well with the idea of stronger solute-vacancy bonding and correlate with finer and more precipitates. When replacing some Ge with Cu in the Ge-added alloys, a drop in hardness was observed. The decrease in hardness is seen as a direct consequence of the reduction of Ge. In these alloys, Cu does not refine cross sections much.
It is proposed that the elements' ability to bind vacancies is significant for the nucleation process of precipitates. As Ge binds vacancies more than Si and all the other alloying elements in these alloys, Ge will produce more favorable nucleation sites for precipitates, leading to an increased precipitate number density after heat treatment. Mg has the lowest ability to bind vacancies of the elements discussed. It is suggested that Mg has a stronger adherence to Ge-containing clusters than to those only containing Si. Consequently, the Geadded alloy solves the initial problem of lowering solute additions while maintaining strength.
